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STRATEGIES FOR MITIGATION OF HYDROGEN ENVIRONMENT ASSISTED

CRACKING OF HIGH STRENGTH STEELS

ABSTRACT

Modem ultra high strength alloy steels (UHSS) have been developed with outstanding

combinations of strength and fracture toughness. Such steels are characterized by high purity

and nanoscale strengthening clusters/coherent precipitates in a complex precipitation hardened,

martensitic microstructure. However, the performance of such steels is degraded dramatically by

internal hydrogen embrittlement (IHE) and hydrogen environment embrittlement (HEE). Thus,

the development of an UHSS that is immune to hydrogen embrittlement is of seminal

importance. The issues that hinder understanding of IHE/HEE center on the capability to first

understand fracture process zone damage mechanisms, and second to quantify and ultimately

predict crack tip hydrogen concentrations relative to critical concentrations that trigger fracture.

Mitigation of the hydrogen-cracking resistance of modem UHSS requires reduction in hydrogen

uptake and/or modification of critical hydrogen concentrations for a given material by improving

the intrinsic tolerance to dissolved and trapped hydrogen. Strategies for controlling and/or

mitigating HEE and IHE of UHSS include control of intrinsic intergranular susceptibility

governed by hydrogen-segregated impurity interactions and metallurgical alteration of H trap

states. Another strategy is to exploit the strong electrochemical potential dependency of HEE

cracking by using tailored cathodic protection schemes. Lastly, coatings can be designed to

release ions that reduce H production and/or block H uptake at crack tips. A combination of a

responsive coating that provides a tailored-low level of cathodic protection and active corrosion

inhibition, as well as control of metallurgical purity and H trap states, provides a necessary-

couple strategy to mitigate HEE of modem high strength steels.

INTRODUCTION

Ultrahigh-strength steel (UIHSS) is susceptible to severe internal hydrogen embrittlement (fIE),

as well as hydrogen-environment embrittlement (HEE) [1-24]. In martensitic steels such as AISI

4340, this time-dependent subcritical cracking is typically intergranular (IG) along prior-



austenite grain boundaries, at apparent threshold stress-intensity (KTH) levels approaching 10

MPa•1m, and crack growth rates (da/dt) up to 104 tm/s [10,11,16]. KTH for IG IHE and HEE

decreases, and da/dt increases, with increasing aYys [2,10,13,14], dissolved-H concentration

[2,6,10,19,23,24], and impurity content [1,3,4,18]. The da/dt value is directly proportional to the

trap-sensitive effective diffusivity of H (DH) for IHE and HEE in a wide range of high-strength

alloys, but the critical distance ahead of the crack tip where H damage nucleates differs for IHE

versus HEE due to different crack tip H distributions. Hydrogen diffusion about the crack tip

limits the rate of such cracking, however, surface reaction kinetics can dominate rates of HEE for

weak H-producing environments and high H-diffusivity alloys [ 11].

The mechanism for IG hydrogen cracking likely involves reduced grain boundary

cohesion due to segregated H and impurities such as S, P, Sb, or Sn [3,18-20]. Thus, modem

UHSS may resist IG hydrogen embrittlement through composition control. For example, UtHSS

AerMet 100 is produced by double-vacuum melting to yield ultra-low S and P levels, and neither

Mn nor Si is added. This processing leads to a material that is prone to only limited IG HEE in

acids and near-neutral chloride solutions with cathodic polarization, certainly much less so than

less-pure UHSS [25-33]. The susceptibility of AERMET 100 to IG IRE is not established. Olson

speculated that IG hydrogen cracking is eliminated by rare-earth element additions that reduce

grain-boundary impurity segregation in UHSS [34,35]. However, micromechanical models of

grain boundary decohesion suggest that H trapping and high stress at a crack tip are sufficient to

promote hydrogen embrittlement without a dominant impurity contribution [2,11,13,14,19,36].

For example, l8Ni maraging steels contain only trace levels of P, S, Si, and Mn, but are

susceptible to severe IG IHE and HEE [6-8].

Time-dependent IHE and HEE can also occur along transgranular (TG) paths in high

strength steels [7,12,14,22], including martensite interfaces [3,9,37,38] and cleavage planes [39-

41]. Interface cracking may be governed by decohesion, and cleavage cracking may occur due to

a reduction in the work of fracture, both traced to dissolved H [39]. Changing environmental

variables and the predissolved-H content affect an IG to TG crack-path change, as illustrated by

the effect of temperature on HEE of 18Ni Maraging steel [9] and H-partitioning modeling [42].

For moderate strength, high purity steels, it has been found that subcritical TG cracking occurs at

KTH levels higher than those for IG H cracking [3,4]. Substantial TG HEE was reported for peak-

aged AERMET 100 at low KTH levels [25-33]. This TG H-cracking mode is traced to the low



concentration of metalloid impurities segregated to prior austenite grain boundaries, to minimize

intergranular cracking, coupled with substantial H accumulation by trapping at transgranular

sites in the crack tip process zone [43,44]. Thomas and coworkers demonstrated that optimally

aged AERMET 100 is susceptible to severe IHE at threshold stress intensity levels as low as 20

MPaqm and produced by diffusible H contents as low as 1 part-per-million by weight (wppm)

[44]. Lee and coworkers found that KTH can be reduced to less than 20 MPaq/m by HEE in 0.6

M NaCI at both anodic and cathodic potentials [45]. Both IHE and HEE in AERMET 100 are

transgranular, associated with cracking of the various interfaces associated with the martensitic

microstructure [25,26,30-32,44].

The IHE situation involves a fixed total amount of internal hydrogen introduced by H

precharging. The cause of the time-dependent TG IHE susceptibility of AERMET 100 is the

high concentration of diffusible H (CH,diff) provided by easily repartitioned reversible trapping at

strengthening precipitates and other sites in the martensite, high crack-tip stresses, and a

connected path for TG cracking. Such reversibly trapped hydrogen may repartition to the tensile

hydrostatic stress field of sharp cracks [46,47]. fIlE resistance of UHSS may be improved by

controlling these factors. For example, alloy additions that may enhance cohesion (B, C, or N)

could displace elements than enhance decohesion (P, S, or Sn) and consequently raise the critical

H level required to induce interfacial decohesion [48,49]. Metallurgical alteration of H trap states

provides another means to eliminate IHE and possibly HEE in UHSS. For instance, reduction in

M2C carbide interface coherence by aging/Cr in a Co/C-hardened martensitic alloy steel (i.e., Fe-

13Co-1ONi-3Cr-lMo-0.25C) can raise the H trap binding energy of this benign site to reduce H

repartitioning to martensite interfaces at stressed crack tips [50-53]. Metallurgical trap site

modification forces a redistribution of hydrogen that is partitioned between lattice sites and

trapping sites so that the critical hydrogen level required to induce interfacial decohesion is not

readily obtained at the same hydrogen fugacity used in precharging [53,54]. However, overaging

to affect this change in AERMET 100 will result in some strength loss and more precipitated

austenite at martensite lath interfaces. The role of this austenite in IHE is uncertain. Alternately,

carbides retained after solution treatment of AERMET 100 appear to be strong H traps [46]. The

volume fraction of such carbides can be increased by changes in solution-treatment temperature

or steel composition [55]. CH,diff would be reduced by strong and homogeneously distributed trap

states, and time-dependent TG IHE resistance would be improved. However, these carbides



likely degrade Kic by promoting void sheeting. Trapped H exacerbates this microvoid damage.

In addition, time-dependent IHE resistance may be improved if martensite interfaces could be

altered to lower Eb associated with these fracture sites. This would lead to a reduction in the

amount of H that is strongly trapped at these sites and available for embrittlement.

The cause of HEE is the establishment of a high CH,diff at the crack tip governed by

chemical and electrochemical factors, as well as crack tip metallurgy. Unlike the IHE situation

that involves a fixed amount of hydrogen in a closed system, a continuous supply of hydrogen at

the crack tip presents a greater challenge to mitigation of TG HEE. Strategies for controlling

and/or mitigating HEE include controlling the intrinsic intergranular susceptibility governed by

hydrogen-segregated impurity interactions. It is also possible that lowering of the trap-sensitive

effective hydrogen diffusion rate slows the transport of hydrogen from the crack tip to the

fracture process zone so as to severely restrict HEE crack growth rates [56]. Another

metallurgical feature that can be controlled in this class of steel is retained austenite [57], which

may act to getter H or control H transport from the crack tip to the fracture process zone. An

additional strategy is to understand and possibly exploit the strong electrochemical potential

dependency of HEE cracking [7,25,30,45,58-62]. Degradation of fracture toughness is a strong

function of applied electrochemical potential in marine environments. Tailored coating

compositions can be utilized to produce a galvanic couple potential at an optimal level to retard

H production and uptake at near-surface crack tips. Exploitation of the potential dependency can

lead to lower rates of hydrogen production and ingress, thereby lowering the dissolved and

segregated hydrogen concentration in the lattice [53,63,64]. Lastly, coating design to release

ions that reduce H production and/or block H uptake at crack tips is a possibility. A recently

synthesized amorphous Al-Co-Ce-Mo coating could possibly serve in this function [65,66]. Co,

Mo, Ce dissolve from a homogeneous amorphous coating or from phases in a heat treated alloy.

Mo dissolves as Mo6+ (MOO 4
2") that passivates (as does Cr 6+) an acidic crack. Co2+ and Ce3+ ions

that are insoluble in alkaline solution can be precipitated to reduce cathodic H reaction kinetics

and H uptake. Distributed storage of ions proximate to random cracks, release on demand, and

transport to critical-occluded sites are feasible.

In summary, the combination of a responsive coating that provides a tailored low level of

cathodic protection and active corrosion inhibition as well as control of metallurgical purity and

H trap states offers the opportunity to mitigate HEE of modem high strength steels. The



theoretical implications of each of these strategies are discussed below in the context of the

potential dependency of AERMET 100 HEE in 0.6 M NaC1. Confirmatory experiments are in

progress.

MATERIAL

A forged bar of AERMET 100 was austenitized at 885°C, quenched in liquid nitrogen and peak

aged at 482°C for an optimal combination of toughness and strength [44,46,47]. The chemical

composition and mechanical properties for the peak aged condition are summarized in Tables 1

and 2 and the details of the microstructure are well documented [57].

Table 1. Chemical Composition of AERMET 100 (Weight Percent)

Fe Co Ni Cr Mo C Ti P S H
Bal 13.43 11.08 3.00 1.18 0.23 .009 .003 .0008 0.26

Table 2. Mechanical Properties of AERMET 100

HRC ays CUTS RA Strain- E a, Ki
(MPa) (MPa) (pet) Hardening (GPa) (MPa) (MPa'lm)

Exponent (1/n)
54 1725 1965 65 0.03 194.4 1985 126(LR)

AERMET 100 was developed to provide plane strain fracture toughness (Kic) in excess

of 120 MPaqIm, doubling that of older steels such as AISI 4340 and 300M, each at constant yield

strength (ays) of 1750 MPa [67,68]. This strength is produced by a homogeneous distribution of

nanoscale coherent M2 C alloy carbides in a highly dislocated Fe-Ni lath martensite matrix

[69,70]. The high Kic of AERMET 100 is achieved by advanced melting to minimize S + P and

inclusion contents, austenitization to control undissolved carbides and grain size, and aging to

optimize austenite precipitates along martensite lath interfaces [34,35,55,67].

APPROACH

Single edge notch (SEN) specimens were machined with a width (W) of 10.2 mm and thickness

(B) of 2.54 mm. All specimens were machined parallel lengthwise to the radial direction of the



bar. The notch was electrospark discharge machined to a notch depth of 110+10 ýtm and width

of 65+15 [tm. Specimens were fatigue precracked to a total crack depth of 200 pLm in air at 10

Hz at constant maximum stress intensity of 11 MPa'lm and constant stress ratio of 0.10. Each

precracked specimen was loaded in a 340 mL cylindrical Plexiglas cell. Non-deaerated (i.e.,

natural aeration conditions) 0.6 M NaC1 (pH 6.4) was circulated from a 10 L reservoir at 24

mL/min. Only the gauge length of the specimen was exposed in the solution. Experiments were

run in potentiostatic mode with applied potentials ranging from -1.1 to -0.5 VscE at a constant

actuator displacement rate of 0.046 mm/hr, producing an initially constant rising stress intensity

at a rate of 2.5 MPa-m1/2 /hr. Throughout the test duration, specimen load, actuator

displacement, time, and direct current potential drop (dcPD) values were recorded with an

automated data acquisition system [45]. The crack length (a) was calculated from the dcPD

using an established calibration for the SEN specimen [71] and was corrected based on post-test

measurements. The threshold stress intensity (KTH) above which the environment induces

resolvable subcritical crack growth was calculated form a plot of load (P) and dcPD (V) vs

actuator displacement (6). This procedure is described in previous work by Thomas, et al. [44].

RESULTS AND DISCUSSION

Potential Dependency of KTH

Results presented in Figure 1 show that there is a narrow window of applied potentials that

dramatically reduces the otherwise severe susceptibility of AERMET 100 to HEE. The severe

drop in KTH at applied potentials outside the narrow window can be attributed to high levels of

hydrogen production and entry at crack tips. Scanning electron micrographs of the fracture

surfaces at cathodic and anodic applied potentials reveal that the low levels of KTH are associated

with transgranular cracking (Figure lb, left side of micrograph and Figure lc) that is unique

compared to the normal microvoid fracture mode (Figure 1b, right side of micrograph) and

equivalent to the morphology of IHE in this steel [44]. The very high KTH in Figure la,

approaching Kic, reflects a major improvement in resistance to HEE. However, a limited

amount (-30 pLm) of very slow H-enhanced TG crack growth was produced for this applied



potential of -625 mVscE, perhaps at K < KTH. This residual amount of stable H cracking, as well

as the occurrence of similar slow H cracking at -700 mVscE is under investigation.

Micromechanical Modeling

IHE has been modeled micromechanically to predict KTH, which decreases with increasing H

concentration in the FPZ [36]. A recent model of brittle cracking in the presence of crack tip

plasticity in the form of specific dislocation-crack-tip interactions, predicts KTH for H-

decohesion-based fracture relative to the crack-tip Griffith toughness for H-free cracking [72].

1 F(kIG - aC HCO)

Km - exp

In this formulation, the Griffith threshold stress intensity for hydrogen embrittlement (kzH) equals

(kIG - aCH,,T) where cc is a coefficient in units of MPaqlm/atom fraction H and CH,,T is the

concentration of H localized by both trapping and stress field occlusion at the embrittlement site.

The term kIG is the critical Griffith stress-intensity factor for cleavage fracture without H (Gc - ys

- kIG2/E), E is the elastic modulus, and ys is the energy required to produce a unit crack surface.

For the Fe-Si system, kIG = 0.85 MPa'lm and cc = 0.5 MPaq/m/atom fraction H [72]. The ]' and

ca" terms are constants determined by computer simulation of the dislocation structure about the

crack tip. Gerberich reported good correlation between modeled and experimental measurements

of KTH vs H 2 pressure and temperature for HEE of UHSS using a" = 2x10-4 MPa-m and J3IHE =

0.2 (MPaq/m)"1 [72]. This model has been applied to AERMET 100 and yields reasonable

agreement with experimental results as shown in Figure 2 [44]. However, it is important to

note that KTH is defined as the threshold stress intensity (KTH) above which the environment

induces a defined level of resolvable subcritical crack growth. For HEE, this value is affected by

loading rate and crack growth can occur at K<KTH. However, the Gerberich model provides a

means a predicting the effects of metallurgy and electrochemistry on HEE.



Effect of Cohesion Promoters/Decohesion Inhibitors That Alter Work of Fracture

Approaches to produce H-cracking resistant UHSS by improving the purity of prior-austenite

grain boundaries are important in mitigating intergranular HEE but may not be sufficient

[18,34,35,37,38,73]. McMahon argued that segregants such as P, S, Sn, and Sb are a requisite

for IG cracking, because H alone cannot localize sufficiently in the FPZ to enable low-KTH 1HE

or HEE [3,18]. A correlation showed that HEE is eliminated if a bulk-composition parameter TI

(T •= Mn + Si/2 + P + S + 104 CH in at.%) is less than about 0.5 at.% for moderate-strength

steels of 800 MPa < oYys < 1400 MPa and tempered martensitic microstructures heated through

the temper-embrittlement regime [3,18]. Severe IG IHE seen in AISI 4340 and 300M steels is

consistent with a high value of T. However, T is essentially 0 for AERMET 100 and 18Ni

maraging steels, but hydrogen cracking along TG sites is severe as indicated in Figure 1. Thus,

one mitigation strategy would be to add cohesion promoters or remove decohesion promoters in

order to effectively increase kIG and/or alter c. However, modeling of kIG shown in Figure 3 for

AERMET 100 over a range of applied potentials suggests that either a cohesion promoter or

removal of a decohesion impurity is beneficial but insufficient in mitigating HE in AERMET

100. Figure 3 shows that decreasing kIG from 1.31 to 0.85 MPa-m1/ 2 has the effect of reducing

the maximum KTH, KTH,MAX. However, while KTH,MAX increases with increasing kIG, predicted

KTH values remain low at elevated hydrogen concentrations such as achieved at highly positive

and negative potentials. That is, increasing kIG has little effect on increasing the potential range

over which susceptibility to HEE is reduced.

Effect of Raising Eb of Source Trap Sites that supply H to the Crack Tip via Stress

Activated Repartitioning

For the case of IHE, a fixed total amount of internal H may be partitioned between various trap

states and the lattice. From thermodynamic consideration, lattice H concentration is enhanced

from an unstressed level of CL to a stress-affected CH, depending on the magnitude of the crack

tip hydrostatic stress, cGH [74]. The following equation applies assuming dilute H concentration,

negligible effect of dissolved H on elastic constants of the material, and no negative deviation



from the logarithmic proportionality between CH, and CTH [50,75].

CH= CL exp 0 (2)
RT

The H concentration at trap sites in the crack tip process zone is further enhanced to CHO,T,

according to Equation (3) where Eb-site represents the binding energy of the trap at the fracture

site [14]:

C~a, = Ca eX(E-Sit '= CL exp( Eb-site + t0 H VH (3)
CHT= H epRT ) L t RT )(3

Hydrogen repartitions from a reversible trap state (Eb-source) to the trap at the crack tip (Eb-

site) if the stress field interaction energy, alHVH, exceeds Eb-source for the supplying trap near the

tensile hydrostatic stress field. The amount of crack tip H at the crack tip fracture site is

governed by the sum of CTHVH and Eb-site where this binding energy is for the highest energy trap

state in the stress field that provides the interconnected crack path. The extent of H repartitioning

from reversible traps to the stress field at the crack tip is given by [76,77]:

exp[ 0H VH RT]

exp[ VHRT] +exp[ E-oIRTJ

where P, is the probability that H occupies a lattice site under the influence of the crack tip

hydrostatic stress field vs occupation of reversible trap sites surrounding the crack tip. Figure 4

shows the probability that hydrogen will repartition from a reversible trap state to the crack tip

for several values of cGH. Classical continuum fracture mechanics suggests that cYH is 2.5 cYys for

a low strain hardening UIHSS [2,78]. Analyses based on either a crack tip dislocation perspective

[40,79,80], or strain gradient plasticity hardening included in the flow curve [80,81 ] suggest that

cGH may be as high as 8(yys. For each case, and particularly for the higher crack tip stresses, there



is a significant driving force for H to repartition from a dominant low energy trap state (Eb-source)

to the crack tip.

This source of H from reversible traps contributes to the high level of CH, that can

accumulate at martensite interfaces in the crack tip process zone (1014 CL from Equation (3),

assuming that C7H = 5 cyys, and actually exceeding 100 wt pct assuming that CL is of order 10-4

wppm), thus explaining the severe IHE produced in AERMET 100 at low KTH - 0.1 KIc [44].

Notably, this hydrogen embrittlement was eliminated by baking the H-charged specimen at

190'C for 24 hours, which effectively removed diffusible and weakly trapped hydrogen [47].

Heating at 190 0C did not eliminate H from higher energy trap states. However, this strongly

trapped H did not produce embrittlement because it did not repartition to the crack tip. The

probability for H repartitioning to the crack tip is very low when H is present only in higher

energy traps (see Figure 4).

This analysis suggests an approach to improve the IHE resistance of aged AERMET 100.

The coherence of M2C decreases and Cr/Mo clusters are eliminated by aging at temperatures

above about 5000C [57]. The resulting precipitates should have higher H-binding energy typical

of incoherent interfaces. The idea would be to raise Eb above 30 kJ/mol as suggested by Figure 4

to suppress repartitioning of trapped hydrogen from source traps to the crack tip. A similar

approach could be based on reductions in M2C coherence by alloy additions [69]. Alloy yield

strength will also be somewhat reduced. These changes will tend to reduce H partitioning from

the reversible trap sites at M2C to the crack tip hydrostatic stress field. If the reduction is

sufficiently large, then H damage will be reduced, especially in a closed system such as pre-

charged steel [44]. Experiments are required to test this speculation and establish the balance

between the tensile strength, fracture toughness and IHE resistance of AERMET 100. However,

this strategy may be more effective for IHE where a finite amount of hydrogen is available,

assuming the traps are saturable, than for HEE where the crack tip can provide a constant H

source.

Effect of Reducing Eb of Trap Sites involved in Fracture

Small palladium alloying additions reduce the susceptibility to hydrogen-assisted cracking in

certain steels (e.g., quenched and tempered AISI 4130 steel) [82-87]. Klscc in sustained load



tests is significantly improved [54,84]. The fracture surface is modified such that intergranular

cracking is replaced by transgranular tearing and ductile microvoid formation [54,84,85] when 1

wt pct Pd is added to the martensitic alloy at both 745 MPa (110 ksi) [54,84] and 1170 MPa

(170 ksi) [85] yield strength levels. Explanations for this benefit of Pd addition are summarized

below. Submonolayer coverages of Pd were found at lath boundaries and MnS-ferrite interfaces

[84,88]. Tritium autoradiography indicated the absence of tritium at MnS inclusions when

complexed by segregated Pd [89]. The reported explanation was that interfacial segregation of

Pd to lath boundaries and interphase interfaces, such as sulfide inclusions, promoted rejection of

hydrogen from these otherwise strong trapping sites for hydrogen [63,84,85,88,89]. The

explanation for the role of Pd at such a site is based upon theoretical calculations of the Pd-

hydrogen binding energies for Pd when present as individual substitutional atoms in an iron host

lattice [90,91]. The calculated interaction energy for such diatomic complexes, which is the sum

of a physical interaction and an electronic interaction, is dominated by the electronic interaction

for Pd in an Fe host lattice [90]. This interaction energy is positive (repulsive), meaning that

hydrogen should be repelled from such an impurity site in a host lattice. The argument made to

support this concept is that elements to the right of iron in the periodic table tend toward filled

valence electron shells and are less likely to accept additional electrons from a screened

interstitial proton in the lattice [90-93]. This implies that Pd repels hydrogen when present as a

single atom in an iron lattice. Therefore, it was postulated that hydrogen was either repelled

from Pd-rich solid-solid interfaces or the binding energy was lowered [85,88]. Alternatively,

elements such as Ti, which are to the left of iron in the periodic table, have more valence band

electron vacancies than Fe and tend to trap hydrogen reversibly (negative electronic interaction)

when present as sole atoms in an Fe host lattice [90-93].

The predicted effect of a reduced binding energy on KTH is shown in Figure 5. The

model assumes that Eb of the site controlling fracture was 30 kJ/mol, which may be associated

with dislocations in the martensitic microstructure [46]. This value was used to compute CHo,T

(and thus Clattice) values for experimental KTH values using Equation (1) and assuming kIG = 1.31

MPa-m 1 /2 , a = 1 MPa-m"2 , j3 = 0.2 (MPa-m1 2)-1, and cc" = 3x10-4 MPa-m (as per Figure 3).

Then reduced CH,,T values for trap sites with Eb < 30 kJ/mol were computed using Equation (3)

enabling the prediction of KTH using Equation (1). Note that a reduced trap site binding energy



leads to a greater range of potentials over which there is reduced susceptibility to hydrogen

embrittlement.

Possible benefits of electrochemical potential control

The threshold for HEE is substantially increased and growth rates decreased in a narrow window

of applied electrode potential for UHSS susceptible to severe transgranular HEE as shown in

Figure 1. Figure 6 replots the effect of applied potential on KTH for AERMET 100 in 3.5% NaC1

revealing the window of reduced susceptibility to HEE in comparison to the open circuit

potentials of various coatings [65,94,95]. Such coatings could control the galvanic couple

potential and thus, KTH (see Figure 6).

Thus, this window can be exploited by manipulating the galvanic couple potential

between the coating and the exposed area of UHSS. In the case of the Al-Co-Ce coating, a range

of OCPs can be preselected based on alloy composition and metallurgy [65]. Additionally, the

width of this window of reduced susceptibility can be manipulated through the other strategies

discussed above. For example, Figure 5 shows the effect of applied potential on KTH for Eb-site

ranging from 20 to 30 kJ/mol. A reduced trap site binding energy leads to a greater range of

potentials over which there is reduced susceptibility to hydrogen embrittlement. Using both

alloy modification to lower Eb-site plus a coating for polarization into the regime of increased

resistance to HEE offers a viable strategy to mitigate hydrogen embrittlement.

Effect of Inhibitors that Retard H uptake at Crack Tips

Galvanic coupling between a coating and an UHSS is unlikely to independently reduce the

severity of HEE when potential windows of good HEE resistance are small. This is inferred

from the severe IHE produced in AERMET 100 over a wide range of low to moderate diffusible

hydrogen concentrations [44]. Results showed that there exists a critical diffusible hydrogen

concentration of approximately 1 wppm above which KTH is greatly reduced from Kic. Thus, in

order to mitigate HEE, the rate of hydrogen production and/or absorption must be reduced such

that CH,diff remains below 1 wppm. Therefore, a coating must be multi-functional to act as a



permeation barrier, to provide low levels of cathodic protection, and to act as a source for a

supply of inhibiting ions in the vicinity of the crack tip.

Inhibitors function through several mechanisms including cathodic inhibition, anodic

inhibition, H absorption inhibition, and enhanced H2 recombinative desorption [96]. Indirect

methods of inhibition include CI absorption, pH buffers, and passivators. Two basic

mechanisms for the hydrogen evolution reaction follow [97]:

Discharge-combination: Discharge-electrochemical desorption:
a. M + H+ + e- M--Hads a. M + H+ + e- 4 M-Hads

b'. M-Hads + M-Hads 4 2M + H2  b'. M-Hads + I+ + e- 4 M + H 2

in parallel with in parallel with
b". M-Hads-> M-Habs b". M-Hads.-- M-Habs

Cathodic inhibitors act to reduce the overall rate of the hydrogen evolution reaction.

Additionally, the recombination promoters work by increasing the rate of b', thereby reducing the

rate of Hads -> Habs via reaction b" for a given overall reaction rate. Thus, cathodic inhibition and

recombination promoters likely lead to a reduction in the amount of hydrogen absorbed into the

metal [98]. Anodic inhibitors affect hydrogen absorption by inhibiting corrosion and thus

inhibiting the hydrolysis reactions that create H+ in an occluded solution, which can subsequently

be reduced and absorbed at the crack tip [99]. Absorption inhibitors affect reaction kinetics by

blocking absorption sites and thus reducing the effective surface area (i.e., inhibiting b" above) or

by promoting recombination of H atoms to produce H2 (i.e., promoting b' above) [100]. Table 3

shows the traditional classes of H uptake inhibitors and examples.

Table 3. Inhibitor functions and examples [96,101,1021.

Inhibitor function Example compounds or species

Cathodic inhibitor Polyphosphate, zinc, silicate

Anodic inhibitor Chromate, nitrate, molybdate,
cerate, orthophosphate, ferrocyanide

Chloride absorbers Not determined
Acid Buffers Borax, Sodium bicarbonate, etc.

Hydrogen entry inhibitors Bi, Pb, Zn, Noble metals,
(not including passivators) Various organic film formers
Recombination promoters Ir, Pd, Pt



Thus, in the context of the Gerberich model, where KTH decreases with increasing crack tip H

concentration (CH,T), inhibitors act by reducing the lattice H concentration, CL, through direct or

indirect reduction in reaction rates or absorption rates (see Figure 7), and subsequently, reducing

CH,T (see Figure 3). It can be seen from Figure 7 that a 10-fold reduction in Ciattice may be

necessary to raise KTH sufficiently at high anodic and cathodic potentials assuming Eb-site = 30

kJ/mol.

CLOSING STATEMENTS

Several strategies are possible for controlling and/or mitigating HEE and IHE of UJHSS. These

include controlling the intrinsic intergranular and transgranular susceptibility governed by

hydrogen-segregated impurity interactions and metallurgical alteration of H trap states.

Application of the Gerberich model to HEE of AERMET 100 showed that adding cohesion

promoters or removing decohesion promoters (i.e., increasing kIG) acts to increase KTH,MAX, but

does not substantially increase the potential range over which HEE susceptibility is reduced.

Thus, this strategy may be more effective for IHE than for HEE. Application of the Gerberich

model to alteration of H trap states (i.e., decreasing Eb of the trap site involved in fracture) shows

an increased window of reduced susceptibility to HEE with decreasing Eb-site. Conversely, an

increasing Eb-source for sites that act as hydrogen sources was found to be beneficial as the

probability of repartitioning to the FPZ decreases with increasing Eb-source. However, this

strategy of increasing Eb-source of the hydrogen sources may be more effective for IHE, assuming

the source traps are saturable, than for HEE where there is a continuous supply of hydrogen.

Lastly, coating design to release ions that reduce H production and/or block H uptake at crack

tips is a possibility. Application of the Gerberich model shows that decreasing Clattice through

inhibitor function leads to an increased window of reduced susceptibility to HEE for Eb-site = 30

kJ/mol. Thus, there are several strategies for controlling and/or mitigating HEE, but it is likely

that a single strategy is not sufficient. Therefore, in order to exploit the outstanding combination

of strength and fracture toughness in modem UTHSS, a multi-pronged approach is recommended.

A combination of a smart coating that provides a tailored-low level of cathodic protection and

active corrosion inhibition as well as control of metallurgical purity and H trap states offers the

opportunity to suppress HEE susceptibility of modem high strength steels.
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Figure 1. a) KTH versus applied potential for AERMET 100 in 0.6 M NaCl. b) and c) show
scanning electron images of the fracture surfaces for applied potentials of -1.1 VscE and -0.5
VSCE, respectively.
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Figure 2. The measured (.) and model-predicted (-) effects of hydrostatic-stress enhanced H
concentration on KTH for THE of AERMET 100. All measured KTH values less than 30 MPa-
m1/2 relate to brittle-transgranular lHE and the associated regression line is log(KTH) = 0.83 +
1.05 (kIG - aXCH) 2 with R2 = 0.89. Cracking at higher KTH involved some MVC [44].
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Figure 3. Predicted (dotted lines) and experimental (*) KTH versus Eapplied for values of kIG

ranging from 0.85 to 1.6 MPa-m12 . CH,,T values were calculated through Equation (1 using
experimental KTH values for AERMET 100 in 0.6 M NaCl and a kIG of 1.31 MPa-m . This
value of kIG was chosen to correspond to approximately 0 wppm hydrogen at Kic. A value of ca
= 1 MPa-m2/ atom fraction H was chosen corresponding with j3' = 0.2 (MPa-m1/2)-1 and c" =
3x10-4 MPa-m.
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Figure 4. Probability of repartitioning to the FPZ given by Equation (4) at hydrostatic stresses
ranging from ays to 10 cyys for metallurgical trap sites with Eb < 70 kJ/mol. Also, shown are
lines indicating AERMET 100 trap site 1, which is associated with coherent M2C precipitates
and trap site 2, which is associated with martensite interfaces, austenite grain boundaries, and
mixed dislocation cores [47].
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Figure 5. Predicted (dotted lines) and experimental (*) KTH versus Eapplied for trap site binding
energies at the critical fracture site (Ebsite) ranging from 20 to 30 kJ/mol. A hydrostatic stress
field, GH, of 5ays is assumed.
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Figure 6. KTH versus Eapplied for AERMET 100 in 3.5% NaCi. Open circuit potential ranges are
also shown for various candidate coatings in NaCl electrolytes.
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Figure 7. Predicted (dotted lines) and experimental (+) KTH versus Eapplied for varying values

of Clattice. The plotted Clatdce values were calculated from experimental KTH data. Predicted
values of KTH were determined using calculated Ciattice values divided by 2, 10, and 50. A

hydrostatic stress field, 0 H, of 5cyy, is assumed.


